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A B S T R A C T
The development of novel alloys specifically designed for additive manufacturing (AM) is a key factor in using
the full potential of AM. This study addresses the design of advanced high strength steels (AHSS) that take
advantage of the processing conditions during AM by laser powder bed fusion (LPBF). The alloy screening was
guided by computational alloy selection (combined CALPHAD, Scheil-Gulliver, and phase-field simulations) and
by rapid processing using powder blends (X30Mn21 steel and Al). Increasing Al contents, ranging from 0 to 5.4
wt. %, promoted bcc-fcc solidification, and allowed for tailoring the stacking fault energy (SFE). On the one
hand, the transition from fcc to bcc-fcc solidification enabled controlling the microstructure and texture evo-
lution during AM. On the other hand, the wide SFE range between 8 J/m² (0 wt. % Al) and 44 J/m² (5.4 wt. %
Al) promoted flexible adjustment of the active deformation mechanisms, including transformation-induced
plasticity (TRIP) and twinning-induced plasticity (TWIP), to govern the work-hardening behavior. The micro-
structure after LPBF and after plastic deformation was analyzed by XRD, SEM, EDX, EBSD, EPMA, and TEM.
Mechanical properties of bulk specimens and lattice structures were analyzed using tensile and compression
testing with a focus on energy absorption capacity. The influence of the chemical composition and the solidi-
fication conditions during LPBF on the microstructure evolution and the related microstructure-property-re-
lationships of bulk and lattice structure specimens will be discussed.
1. Introduction
With the ability to ‘3d-print’ geometrically complex lightweight
components and the potential to overcome design deficiencies of con-
ventional manufacturing processes, laser-based metal additive manu-
facturing (AM) is the fastest-growing sector of AM nowadays [1,2].
Especially the metal AM technique laser powder bed fusion (LPBF)
shows an increasing application in aerospace, automotive, medical,
energy, and other industries [1]. Whereas metal AM devices and com-
ponent design approaches have already achieved a high degree of
maturity, the development of metallic materials that were designed
explicitly for AM has hardly been addressed so far. Currently, only very
few alloys are used in LPBF [3–5] and most of them have been initially
developed for conventional processing chains, e.g., 316 L stainless steel
[6,7], 17−4 PH stainless steel [8,9], 18Ni300 maraging steel [10,11],
AlSi10Mg [12,13], Ni-based superalloys Inconel 625/718 [14,15] and
Ti6Al4 [16,17]. In order to take full advantage of the potential of LPBF,
the development of novel, process-adapted alloys, as well as the un-
derstanding and controlling of characteristic LPBF microstructures, is
one of the current scientific challenges [1].
During LPBF processes, alloys undergo various phase transforma-
tions, i.e., solid to liquid and vice versa during melting and solidifica-
tion as well as solid-state phase transformations during heating and
cooling of the solidified material. Hence, modifying the transformation
behavior is an efficient instrument to control and tailor the micro-
structure formation during LPBF. In previous studies, these aspects have
been addressed in order to reduce cracking susceptibility [18], enhance
second-phase precipitation [19,20], reduce the grain size [21], and
weaken the crystallographic texture [22]. For instance, Martin et al.
[21] achieved crack-free microstructures with equiaxed grains by
modification of a high-strength Al alloy by addition of TiB2 particles to
stimulate heterogeneous nucleation. Additionally, the adaption of the
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base alloy to promote fine-grained microstructures by either high-
temperature solid-state phase transformation in metastable steel [22] or
eutectoid [23] and peritetic [24] phase transformations in Ti alloys
have been investigated.
This work aims to establish an alternative approach for micro-
structural control towards grain refinement and texture randomization
by modification of the solidification sequence in multi-phase steels. In
our previous studies [25–30], we identified high-manganese steels
(HMnS) as promising alloys for AM. Firstly, processing challenges
during conventional processing can be circumvented by LPBF [25].
Secondly, the alloy-inherent high work-hardening potential due to ac-
tivation of transformation-induced (TRIP) and twinning-induced plas-
ticity effects (TWIP) can be used to actively improve the energy ab-
sorption of bulk material and filigree lattice structures [25,26].
Nevertheless, single-phase austenitic (fcc) HMnS are characterized by
columnar grains and a pronounced crystallographic texture resulting in
anisotropic mechanical properties of these alloys after LPBF [25–27]. In
[28] it was shown that grain size, aspect ratio, and texture could be
adapted in a certain range by modification of the processing conditions.
However, this range is rather limited due to the nature of solidification,
i.e., direct liquid-to-fcc phase transformation, and the high stability of
the fcc phase.
In the present study, we intend to adjust the solidification sequence
by stabilizing the ferritic (bcc) phase. Although there are several bcc
stabilizing elements available in Fe-based alloys, Al is of specific in-
terest. The density of the alloy can be reduced by 1.3 % per wt. % Al.
Additionally, Al strongly reduces delayed cracking due to hydrogen
embrittlement in HMnS and increases the stacking fault energy (SFE) by
about 8 mJ/m² per wt. %, i.e., Al has a strong influence on the de-
formation behavior and hence, on the mechanical properties [31,32].
Fig. 1. (a) SFE-based deformation mechanism map, (b) calculated equilibrium phase diagram of X30MnAl21-x (Al-x) with varying Al content, and (c) Scheil-Gulliver
solidification simulations of solidification sequence of Al-0 – Al-5 and corresponding phase-dependent Mn, Al and C distribution during solidification of Al-5.
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The research hypothesis of the current study suggests that the increased
stability of bcc with increasing Al content enables modification of the
solidification sequence from primary liquid-to-fcc to liquid-to-bcc
transformation followed by further solid-state bcc-to-fcc transforma-
tion. The focus of the presented research lies in the determination of the
precise influence of these transformations on the microstructure and
texture evolution and the related dependency of the mechanical prop-
erties. In this context, the alloying system Fe-Mn-Al-C (X30Mn21 with
different Al content) has been investigated. A rapid alloy development
approach combining computational and experimental alloys screening
was used [33,34]. Computational alloy selection utilizing thermo-
dynamics-based deformation mechanism maps, equilibrium phase dia-
grams, Scheil-Gulliver solidification simulations, and phase-field soli-
dification simulations [35] was employed. Based on the computational
screening approach, rapid sample processing consisted of flexible
powder mixing and LPBF [36]. The specimens produced by LPBF were
characterized experimentally using electron backscatter diffraction
(EBSD) and transmission electron microscopy (TEM), with a focus on
grain size, grain morphology, phase composition, grain orientation, and
occurring deformation mechanisms. Energy dispersive x-ray spectro-
scopy (EDS) line scans and mappings were conducted to reveal local
segregation of alloying elements, whereas the macrotexture has been
analyzed by x-ray diffraction (XRD). Mechanical properties were ob-
tained by quasi-static tensile tests of bulk material and compression
tests of lattice structures. Finally, the influence of the chemical com-
position and the solidification conditions during LPBF on the micro-
structure and the related microstructure-property-relationships of bulk
and lattice structure specimens will be discussed.
2. Computational methods and alloy selection
Calculation of thermodynamics-based SFE deformation mechanisms
maps, phase diagrams, and Scheil-Gulliver solidification simulations, as
well as kinetic phase-field solidification simulations, were performed to
screen the possible design space of X30Mn21 + xAl alloy compositions
computationally.
The SFE, which can be used as an indicator for the activation of
specific deformation mechanisms of LPBF produced AHSS, was calcu-
lated using a sub-regular solution thermodynamic model as
= +SFE 2 G 2111 / [37]. This thermodynamics-based calcula-
tion relies on the required Gibbs free energy to form a platelet of ε-
martensite with a thickness of two atomic layers within close-packed
planes. Here, 111 is the molar surface density along the crystallographic
{111} planes of fcc and / is the interfacial energy between γ-austenit
(fcc) and ε-martensite (hcp). G represents the chemical and mag-
netic Gibbs free energy changes during fcc-to-hcp phase transformation
[37,44]. A two-dimensional representation (Al-Mn map with constant C
content) of an SFE deformation mechanisms map is given in Fig. 1a.
With increasing Al content, the SFE also increases and reduces the ex-
tent of the TRIP effect at 20 mJ/m2 and of the TWIP effect at 50 mJ/m2
[37,38].
Calculations of equilibrium phase diagrams and Scheil-Gulliver so-
lidification simulations (Fig. 1 b–c) were performed using Thermo-Calc
2019b (Thermo-Calc Software, Sweden) in combination with the Pre-
cHiMn-4 thermodynamic database developed for HMnS [39]. C was
defined as a fast diffusing element (infinitely fast diffusion in solid and
liquid phase) for Scheil-Gulliver solidification simulations. However, it
must also be noted, that these simulations only represent a qualitative
trend under the LPBF processing conditions. For instance, due to the
assumption that there is no diffusion in the solid phase (except for C)
and without consideration of the process-inherent, high cooling rates
resulting in very fine solidification cells, the elemental segregation is
likely overestimated.
Predictions of phase and element distribution evolution during so-
lidification (Fig. 2) were executed with the phase-field solver Micress
(ACCESS e.V., Germany) that is based on the multi-phase-field
approach [40,41]. In order to simulate solute partitioning and ther-
modynamic driving forces for phase transformations under considera-
tion of the specific temperature profile during LPBF, the phase-field
solver was coupled with the Thermo-Calc mobility database MOBFE4,
as well as a simulated temperature profile. The temperature profile was
extracted from experimentally validated melt pool simulations using a
finite-element approach [28,29]. For simplification, a 1D-temperature
profile from the middle of a melt pool cross-section was used for the 2D-
phase-field simulations. An initial structure at t = 0 s was defined by
two phases, representing an fcc substrate grain and liquid melt with
identical chemical compositions. Hence, the fcc substrate mimicked a
previously build layer and not the substrate plate. During the phase-
field simulation, the fcc substrate was partially remelted, and epitaxial
growth, as well as random nucleation of fcc and bcc seeds at the liquid-
solid interface, were initiated. The stability of nucleated seeds at the
liquid-solid interface for the given temperature field was calculated for
each simulation time increment (0.01 ms).
Based on our previous study [26], where we investigated the in-
fluence of TRIP and TWIP effects on the energy absorption capacity of
additively manufactured bulk and lattice structure specimens, the ac-
tivation of TRIP and/or TWIP was defined as a prerequisite in the
present study. Hence, only alloys with SFE values ≤ 50 mJ/m2 were
considered, and the Mn and C contents were predefined as 21 wt. % and
0.3 wt. %, respectively (see [26,42,43]). According to Fig. 1a, the Al
content must be well below 6 wt. % to achieve considerable deforma-
tion twinning and/or ε-martensite formation during plastic deforma-
tion.
In addition to its influence on the SFE, Al was chosen as it also
strongly increases the stability of the bcc phase. Hence, higher Al
contents constrict the fcc phase-field and promote primary bcc solidi-
fication (Fig. 1b). At Al contents higher than 1 wt. %, a transition from
primary fcc (A-mode) to primary bcc solidification was predicted.
Nevertheless, during primary bcc solidification, the remaining melt is
enriched in Mn and C, which stabilizes the fcc phase and promotes bcc-
fcc solidification (FA-mode), as shown in Fig. 1b and c. Since the Scheil-
Gulliver calculations do not consider the kinetics of the solidification
process, complementary phase-field calculations were carried out
(Fig. 2). Whereas the phase-field simulations also predicted A-mode
solidification resulting in a fully fcc microstructure for Al contents up to
1 wt. %, a deviation from Scheil-Gulliver calculations occurred for Al-
contents of 1 wt. % ≤ x ≤ 4 wt. %. In this range, the small solidifi-
cation interval and high cooling rate prohibited the formation and
growth of stable bcc nuclei and facilitated (almost) fully A-mode soli-
dification (Fig. 2a). At Al contents ≥ 4 wt. %, small and stable bcc
grains were predicted to form at about 4 wt. % Al, whereas a complete
FA-mode solidification and an almost fully bcc microstructure were
simulated for 5 wt. % Al at 0.2 ms simulation time. The fcc phase
fraction increased substantially after further cooling (simulation time of
1.5 ms), whereas the other conditions (Al-0 to Al-4) showed no differ-
ences in the phase fractions and distribution after further cooling
(Fig. 2a). During the cellular solidification, the intercellular regions
were enriched in Mn (Fig. 2c) and C (Fig. 2d) and depleted in Al
(Fig. 2b)
Since the aim of the alloy design approach was to take advantage of
the TWIP and/or TRIP effect, the Al-5 condition was defined as an
upper-bound state. This limitation in Al content results from the cir-
cumstance that a sufficiently high fcc fraction must be prevalent to
enable high work-hardening due to the aforementioned effects, that are
only activated in the fcc phase in HMnS. Consequently, X30MnAl21-x
(0 wt. % ≤ x ≤ 5 wt. %) HMnS were produced and investigated ex-
perimentally to verify the computational alloy selection approach and
to investigate the underlying phenomena occurring during solidifica-
tion and plastic deformation.
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3. Experimental methods
3.1. Material and processing
X30Mn21 powder (provided by thyssenkrupp Raw Materials GmbH,
Germany) was argon gas atomized using the EIGA-technique (Electrode
Induction Melting Gas Atomization). Al powder (provided by TLS
Technik GmbH, Germany) was argon gas atomized using the VIGA-
technique (Vacuum Induction Melting Gas Atomization). The chemical
compositions of both powder materials are given in Table 1. The
powder particles revealed a spheroidal shape and were sieved, and air
separated to ensure suitable size distributions between 10–45 μm for
LPBF (Fig. 3). The number and volume distributions of the particle sizes
(Fig. 3) were measured by optical image analysis according to ISO
13322−2 using a Camsizer X2 particle analyzer (Retch Technology
GmbH, Germany). The apparent powder densities, measured using the
hall funnel method according to ISO 3923−1, are given in Table A2 in
the appendix. The corresponding avalanche angles (Table A2 in the
appendix) were measured using a revolution powder analyzer (PS
Prozesstechnik GmbH, Germany). The size distribution of the Al
powder was adjusted towards smaller particle sizes to ensure good
mixability with the larger X30Mn21 powder particles (Fig. 3). Powder
mixtures of X30Mn21 and Al were produced using a Turbula 2F tumbler
mixer (Willy A. Bachofen AG, Switzerland) for 45 min to ensure a
homogeneous distribution of powder particles. During the LPBF
process, the chemical composition was changed due to vaporization of
Mn (Table 1), due to the lower boiling temperature of Mn compared to
Fe.
Additively manufactured bulk and lattice structure specimens for
mechanical testing and microstructure analysis were produced using an
EOS SINT 270 LPBF machine (EOS GmbH, Germany) equipped with a
single-mode fiber Yb:YAG-laser (400 W) and a gaussian laser intensity
profile. The building chamber was flooded with argon gas (purity ≥
99.996 %) with a flow rate of 3 L/min to achieve a build chamber
excess pressure of 100 mbar and an average oxygen concentration of
about 100 ppm during LPBF. A bidirectional scan strategy and a 33°
rotation between subsequent layers were chosen. An optimized process
parameter set for the production of dense bulk specimens was identified
by Haase et al. [25] by systematic variation of laser power PL, scan
speed vs, hatch spacing Δys (Table 2), while layer thickness Ds was set
constant to 30 μm to ensure a high spatial resolution for production of
lattice structures. The volumetric energy density (E )v of the parameter
set was 76.19 J/mm3, calculated by =Ev PD v y* *
L
s s S
. The density of LPBF
produced bulk specimens was > 99.5 % for all conditions obtained by
optical measurements of polished surfaces (Table 1, Fig. A1 in the ap-
pendix). The tested benchmark lattice structures were produced with
the same geometry as the X30MnAl21-x specimens to ensure geome-
trical consistency. The process parameters were derived from parameter
studies (Table A3 in the appendix) to guarantee a bulk density of more
than 99.5 % and optimal performance of the benchmark structures.
Fig. 2. Phase-field solidification simulations showing the (a) phase-, (b) Al-, (c) Mn-, and (d) C-distributions at the center of a melt pool cross-section at a simulation
time of 0.2 ms. Additionally, the condition after a simulation time of 1.5 ms is given for Al-5. Note the changing scale for the Al-distribution in (b).
Table 1
Chemical composition and corresponding stacking fault energies of X30Mn21 metal powder, aluminum powder, and LPBF-produced bulk material with varying Al
content. Fe, Mn, Al, Cr, Ni were measured by ICP-OES and C, O by the combustion method. All contents are given in wt. %.
Alloy Fe Mn C Al Cr Ni O SFE (mJ/m²) Bulk density (%)
X30Mn21 (metal powder) balance 21.000 0.330 0.030 0.150 0.080 0.100 – –
Al (metal powder) – – – balance – – 0.001 – –
X30Mn21 (Al-0) balance 18.700 0.310 0.03 0.170 0.100 0.040 8.28 99.95
X30MnAl21−1 (Al-1) balance 18.500 0.330 1.000 0.160 0.070 0.030 15.19 99.91
X30MnAl21−2 (Al-2) balance 17.600 0.310 2.000 0.130 0.070 0.020 21.01 99.54
X30MnAl21−3 (Al-3) balance 17.500 0.310 3.100 0.140 0.070 0.020 28.77 99.50
X30MnAl21−4 (Al-4) balance 17.600 0.320 4.100 0.140 0.080 0.010 35.84 99.58
X30MnAl21−5 (Al-5) balance 17.500 0.330 5.390 0.160 0.090 0.020 44.31 99.51
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3.2. Specimens and preparation
If not stated otherwise, microstructural characterization was con-
ducted in the middle of the cross-section of cubic 10*10*10 mm spe-
cimens parallel to the building direction (BD)- scan direction (SD)
plane. The specimens were prepared for EBSD analysis by mechanical
cutting, mechanical grinding (up to 1200 SiC grit paper), mechanical
polishing (3 and 1 μm diamond suspension) and electro-polishing with
a LectroPol-5 electrolytic polishing machine (Struers GmbH, Germany)
using an A2 electrolyte (Struers GmbH, Germany) for 20 s at 28 V at
room temperature. The TEM specimens were electro-polished with a
Tenupol-5 double jet unit (Struers GmbH, Germany) using an electro-
lyte composed of 10 % perchloric acid and 90 % acetic acid at a voltage
of 20 V at room temperature.
For mechanical characterization by tensile testing, B6 × 30 tensile
specimens, with a gauge diameter of 6 mm and a length of 30 mm, were
mechanically turned from LPBF produced cylindrical bars with a dia-
meter of 12 mm and a height of 82 mm. Dimensions of the face-cen-
tered f2cc,z lattice unit cell (edge length, z-strut, cross-strut) are defined
in Fig. 4a. The relative density (ρrel) of a lattice structure unit cell was
calculated to be 13 %. The relative density (ρrel) is defined as the ratio
between the density of the lattice structure and the theoretical density
(ρth) of the bulk material. By merging 10 lattice unit cells (Fig. 4 a) in x-,
y- and 14 lattice unit cells in the z-direction, cuboid lattice structure
specimens for compression testing were constructed (Fig. 4b).
3.3. Microstructural characterization
For EBSD analyses, a field emission gun SEM (Carl Zeiss AG,
Germany) was used in combination with a NordlysNano (Oxford
Instruments plc, UK) detector with a step size between 100 nm and 500
nm. EBSD measurements were conducted to examine the existing
phases, twin boundaries, orientation relationships between phases,
average grain size, average grain aspect ratio defined as the ratio of
length/width of the grains, and the microtexture. The EBSD data were
processed and analyzed with the MATLAB (Mathworks Inc., USA)
toolbox MTEX [45]. The grain size was defined as the diameter of a
circle with an area equivalent to the measured grain. Smoothing of
EBSD data was performed with a half-quadratic filter, which preserves
inner grain structures. High-angle grain boundaries were defined by a
misorientation angle θ ≥10° between adjacent measurement points.
Twin boundaries (∑3 grain boundaries) were defined by a misorienta-
tion of 60° < 111 > between adjacent measurement points within a 5°
tolerance. For combined EDS and EBSD measurements, an X-Max 50
EDS detector (Oxford Instruments PLC, UK) was used.
TEM analyses were carried out with a JEOL JEM-2100 (JEOL Ltd.,
Japan) operating at 200 kV. Bright-field (BF) images and selective area
diffraction (SAD) patterns were recorded with imaging plates (made by
DITABIS AG, Germany) and digitalized using a DITABIS special
scanner. XRD texture measurements were conducted with a D8 ad-
vanced diffractometer (Bruker Corporation, USA) using Fe-radiation
with a wavelength of 1.9374 nm, at 30 kV and 25 mA. The sample
oscillated for 3 mm in x and y direction for reliable statistics. A colli-
mator with a diameter of 500 μm was used to focus the X-ray. The XRD
data were also processed and analyzed with the MATLAB toolbox
MTEX.
3.4. Mechanical characterization
For the determination of mechanical properties of bulk specimens, a
uniaxial tensile testing machine of type Z100 (Zwick/Roell GmbH & Co.
KG, Germany) was used at a strain rate of 0.001/s at room temperature.
During tensile testing, the strain was measured with a videoXtens ex-
tensometer (Zwick/Roell GmbH & Co. KG, Germany) and the force with
an Xforce load cell (Zwick/Roell GmbH & Co. KG, Germany). Three
tensile specimens were tested for each condition.
For determination of mechanical properties of lattice structure
specimens under a compression load, a servo-hydraulic universal
testing machine (Carl Schenk AG, Germany), equipped with a 400 kN
load cell was used at room temperature and a strain rate of 0.001/s was
Fig. 3. SEM micrographs and corresponding number and volume distributions of powder particle sizes of (a) X30Mn21 powder, (b) Al powder, and (c) X30Mn21 + 5
wt. % Al powder mixture.
Table 2
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used. Weight specific energy absorption was defined as the deformation
energy until 40 % compression strain (E40) per total mass (mlattice) of
the lattice structure (SEA = E40/mlattice). Three lattice structure spe-
cimens of each condition were tested. In order to investigate the local
strain concentrations generated in the lattice structures with respect to
nominal compression strain levels, digital image correlation (DIC) was
applied using a 12-megapixel Aramis camera system (GOM
International AG, Switzerland). Aramis Professional Software was used
for data processing.
4. Results
4.1. Microstructure in as-built bulk material
The influence of varying Al content on microstructural features of
the as-built condition is illustrated in Fig. 5. With increasing Al content,
the phase composition of the as-built material changed from fcc+ε-
martensitic (Al-1) over fully fcc (Al-1) to fcc + bcc (Al-2 to Al-5)
(Fig. 5a). The Al-2 and Al-3 conditions exhibited only a minor fraction
of bcc grains in the vicinity of prior melt pool boundaries. A duplex
microstructure with strongly refined fcc grains in combination with
larger melt pool shaped bcc areas, which consisted of fine individual
bcc grains, was observed in the Al-4 and Al-5 conditions. The increase
of the Al content from 0 wt. % over 2 wt. % to 5 wt. % resulted in an
increase in the average fcc grain size from 11.82 μm (Al-0) to 17.43 μm
(Al-2), followed by a significant decrease to 2.50 μm (Al-5). The extent
of the average grain aspect ratio was decreased for higher Al contents.
The EBSD maps and corresponding IPFs in Fig. 5b further indicate a
strong influence of the microstructural changes on the crystallographic
texture. For an Al content between 0 wt. % and 2 wt. %, a large number
of grains was < 101 > oriented parallel to the BD, resulting in a pro-
nounced < 101 > ∥BD fiber texture with texture indices ranging from
6.51 (Al-0)–11.87 (Al-2). For higher Al contents, the < 101 > ∥BD
texture was weakened and became almost random with a texture index
of 1.84 (Al-5). The bcc grains of the Al-5 condition were preferably <
100 > ∥BD oriented. Increasing the bcc content resulted in a sig-
nificantly lower average grain size, grain aspect ratio, and texture in-
tensity (Fig. 5 c).
A detailed analysis of the fcc + bcc duplex microstructure of the Al-
5 alloy was performed using correlative EBSD, EDS, and TEM (Fig. 6).
In accordance with Fig. 5a, bcc grains were mainly accumulated in
band-like structures that coincided with the shape of prior melt pool
boundaries. Alternating bcc and fcc grains were either enriched in Al
and depleted in Mn (bcc) or vice versa (fcc). EBSD analysis of the upper
surface layer of the Al-5 specimen was conducted to identify the phase
distribution after solidification without the effect of partial remelting
and reheating caused by the following deposited layers (Fig. 6b). The
duplex microstructure of the upper surface layer was found to be si-
milar in phase distribution, as well as in the size and morphology of the
individual grains compared to the microstructure in the center of the
sample (Fig. 5a). Furthermore, EBSD and TEM measurements evidenced
very fine-grained structures in regions with alternating bcc-fcc grains as
well as preferred Kurdjumov–Sachs orientation relationship (K–S OR)
between these grains (Fig. 6 b–c).
4.2. Microstructure in deformed bulk material
Microstructure analysis revealed the activated deformation me-
chanisms of tensile specimens after straining to fracture. As shown in
Fig. 7, increasing the Al content had a significant influence on the de-
formation behavior. The TRIP effect accompanied by a minor TWIP
effect was predominant in Al-0, whereas mainly TWIP accompanied by
minor TRIP dominated in Al-1 (Fig. 7 a). This transition from TRIP-
dominated to TWIP-dominated deformation was also observed by TEM
analysis, as evidenced in Fig. 7 b. Solely TWIP (in the fcc phase) was
observed in addition to dislocation glide in the Al-2 to Al-5 conditions.
The density of deformation twins decreased with increasing Al content.
4.3. Mechanical properties of bulk material
Variation of the Al content affected the mechanical properties sig-
nificantly, i.e., yield strength, work-hardening rate, tensile strength,
uniform, and total elongation (Fig. 8). The properties of the specimens
tested with TD parallel to BD (TD||BD) are summarized in Fig. 8 a. The
TRIP-dominated condition Al-0 revealed the highest work-hardening
rate and tensile strength (954.1 MPa) but lowest total elongation.
Adding up to two weight percent Al (Al-1 and Al-2) reduced the work-
hardening rate and tensile strength, increased uniform and total elon-
gation, and wholly suppressed dynamic strain aging at higher strains.
Both conditions (Al-1 and Al-2) exhibited a high total elongation of
more than 53 %. Work-hardening rate, uniform, and total elongation
were decreased, whereas yield strength increased with increasing Al
content. The Al-5 condition revealed the highest yield strength of 615.5
MPa.
The effect of Al on the mechanical properties remained unchanged
for the specimens tested with TD⊥BD. However, the TD⊥BD conditions
revealed generally higher work-hardening rates, tensile and yield
strength, but lower uniform and total elongation (Fig. 8 b). A direct
comparison is given in Fig. 9.
4.4. Lattice structures
The conditions Al-0, Al-1, and Al-5, i.e., TRIP-dominated deforma-
tion, TWIP-dominated deformation, and fully fcc microstructure, and
TWIP-dominated deformation and duplex microstructure, were selected
to investigate the influence of the different microstructures originating
from A- and FA-modes on the deformation behavior of geometrically
complex specimens with lattice structures (Fig. 10 and 11).
The local axial strain was mostly accumulated in the z-struts and
nodes of the tested lattice structures (Fig. 10a). Nevertheless, the de-
formation behavior of the lattice structures made of Al-0, Al-1, and Al-5
strongly deviated from each other. The Al-0 condition revealed a ductile
Fig. 4. (a) Isometric and front view CAD illustrations of the f2cc,z lattice unit cell. (b) LPBF produced lattice structure specimen for compression tests [42].
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deformation behavior until a collective failure of z-struts, transversely
to the compression direction at a nominal strain of about 20 %, which
promoted shearing of the complete structure. This collective failure
caused a drastic drop of the load-bearing capacity (see the decrease in
force at about 20 % strain in Fig. 11 a) The Al-1 condition exhibited a
ductile deformation behavior characterized by bending and folding of
the lower part of the lattice structure until a nominal strain of about 30
%. At this strain, the collective failure of z-struts was also observed. In
contrast, the Al-5 condition showed complete ductile deformation be-
havior characterized by bending and folding of lattice struts of the
upper and lower part of the lattice structure. The Al-5 condition re-
vealed a macroscopically ductile deformation behavior up to a nominal
compression strain of 80 %.
EBSD analysis of lattice structure nodes (referred to as plastic hinges)
(Fig. 10 b) revealed that the characteristic microstructure and texture
were similar to those observed in bulk material (compare Figs. 5 and 10).
The Al-0 and Al-1 conditions exhibited large fcc grains, preferably or-
iented and elongated parallel to BD. The microstructure of the Al-5
condition consisted of almost randomly oriented, strongly refined bcc,
and fcc grains. During plastic deformation (up to 30 %), TRIP-dominated
(Al-0), mixed TRIP/TWIP (Al-1), and TWIP-dominated (Al-5) deforma-
tion occurred in the investigated areas of the lattice structure samples. In
contrast to bulk specimens, the z-struts of the Al-0 condition were almost
completely transformed to ε-martensite, whereas deformation twins were
hardly observed. The Al-1 condition revealed a pronounced TRIP effect
in addition to deformation twinning in the z-struts and TWIP-dominated
deformation in the notches between z- and cross-struts.
Compression force-engineering strain curves of Al-0, Al-1, Al-5, and
benchmark (AISI 316 L and Ti6Al4V) lattice structures are given in
(Fig. 11 a). Al-0 revealed the highest work-hardening until a nominal
Fig. 5. EBSD analysis of the LPBF produced HMnS with varying Al content in the as-built condition. The building direction is marked as BD. (a) EBSD phase maps
reveal the influence of Al on the phase distribution. (b) EBSD maps with color coding according to the inverse pole figure (IPF) and corresponding IPFs illustrate the
influence of Al on the crystallographic texture, grain size, and morphology. (c) Quantitative analysis of average grain size, aspect ratio of the grains, texture index of
the fcc phase, and bcc phase content depending on the Al content (the corresponding values including standard deviation are given in Table A1 in the appendix).
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compression strain of 20 %. A significant decrease in the compression
force in the strain range between 20 % and 25 % was observed. The
compression force increased again at higher strains and revealed a jerky
slope. Al-1 exhibited a yield force comparable to Al-0 but a lower work-
hardening compared to Al-0. At a strain of 20 %, a slight continuous
decrease in compression force was observed until a nominal compres-
sion strain of 40 %. In contrast, the highest yield force and a continuous
work-hardening until a nominal compression strain of 40 % were
revealed for the Al-5 condition. Alike Al-5, the benchmark material AISI
316 L revealed a continuous increase in compression force until a
nominal compression strain of 40 % but revealed a significantly lower
yield force and work-hardening. The benchmark material Ti6Al4V (in
as-built condition) showed a brittle behavior without significant plastic
deformation. The corresponding SEA values are given in Fig. 11b. Al-5
revealed the highest SEA of 21.7 J/g, followed by Al-1 (16.6 J/g) and
Al-0 (15.6 J/g).
Fig. 6. Detailed analysis of the duplex micro-
structure formed in Al-5. (a) EDS mappings,
element (Mn, Al) line scan, and corresponding
EBSD phase mapping. Black horizontal lines in
the Mn and Al line scans indicate the respective
mean contents. (b) EBSD phase mapping of the
top layer of a multilayer bulk specimen. Phase
boundaries between fcc and bcc with
Kurdjumov–Sachs orientation relationship (K-S
OR) are marked in red color. (c) TEM-BF mi-
crographs of an area with a fine-grained duplex
microstructure. Bcc and fcc grains with a K-S
OR are marked with red lines.
Fig. 7. Analysis of the activated deformation mechanisms of the investigated LPBF produced HMnS with varying Al contents after fracture using (a) EBSD and (b)
TEM.




The majority of LPBF produced alloys exhibit a morphological tex-
ture (grains are elongated along BD) and, depending on the melt pool
inclination, a crystallographic < 100 > or < 110 > texture parallel to
BD [46–48]. The as-built microstructures of the conditions with 0–3 wt.
% Al revealed a similarity to this characteristic LPBF microstructure
(Fig. 5a). Consequently, these conditions were characterized by pro-
nounced crystallographic texture and large grains with a high aspect
ratio. The formation of this characteristic single-phase fcc LPBF mi-
crostructure was already described in detail [28,49,50] and is based on
epitaxial grain growth from a previously deposited layer, which is
partly re-melted, and preferred growth of < 100 > -oriented grains
parallel to the maximum heat gradient. This solidification behavior is
schematically shown in Fig. 12a at the liquid-solid interface of a melt
pool cross-section.
The as-built microstructures of the Al-4 and Al-5 conditions were
significantly different regarding grain size, grain morphology, and
crystallographic texture compared to conditions with lower Al content.
Based on a thermodynamic equilibrium phase diagram (Fig. 1b), Scheil-
Gulliver solidification calculations (Fig. 1c) and phase-field solidifica-
tion simulations (Fig. 2), the evolution of a fine-grained fcc-bcc duplex
microstructure with strongly reduced crystallographic and morpholo-
gical texture was caused due to a change from a fully fcc (A-mode) to a
bcc-fcc (FA-mode) solidification. Furthermore, subsequent solid-state
delta-bcc to fcc transformation occurred during cooling. Whereas the
occurrence for an FA-mode solidification could be well predetermined,
the differences between the simulated and experimentally determined
phase morphologies can be mainly caused by the neglect of the dynamic
fluid flow during in the phase-field simulation. The FA-mode solidifi-
cation and the following solid-state transformation condition is sche-
matically shown in Fig. 12b. During primary delta-bcc solidification,
the Mn and C content in the remaining melt between the delta-bcc
solidification cells/dendrites is continuously increasing due to ele-
mental segregation (Fig. 1c, Fig. 2b-d). The enrichment in Mn and C
promotes the stabilization of the fcc phase and causes secondary fcc
solidification. This FA-mode solidification is also used in fcc stainless
steel welds and casts to increase hot crack resistance [18,51,52]. De-
pending on the cooling rate, typical solidification cell sizes for LPBF
produced X30Mn19 HMnS were experimentally determined to be in the
range of about 0.3–1.6 μm [28], which is similar to the observed grain
sizes for the Al-5 condition. Since the delta-bcc phase solidifies firstly,
Fig. 8. Engineering stress-strain curves, true
stress-strain curves (dashed lines), and corre-
sponding work-hardening rate – true strain
curves of the investigated LPBF produced
HMnS. The tensile direction (TD) was (a) par-
allel to BD (TD||BD) or (b) perpendicular to BD
(TD⊥BD). The color-coding of the curves refers
to TRIP-dominated deformation (red), TWIP-
dominated deformation and fully fcc micro-
structure (black), and TWIP-dominated de-
formation and duplex microstructure (blue).
Fig. 9. Comparison of the yield strength, tensile strength, and fracture strain for all tested conditions. Error bars depict the standard deviation calculated on the basis
of the three tests carried out per condition.
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a < 100 > ||BD fiber texture is expected, which was validated with
EBSD measurements (Fig. 5 b). Subsequently, solidifying fcc grains are
nucleating at the delta-bcc solidification cells/dendrites with a different
crystallographic orientation, which resulted in a strongly weakened
crystallographic texture (Fig. 5b).
With decreasing temperature, the delta-bcc phase becomes
thermodynamically unstable (Fig. 1b), which promotes the solid-state
phase transformation of delta-bcc to fcc. Nevertheless, a part of delta-
bcc grains was retained and did not undergo bcc-to-fcc transformation
due to the high cooling rate during LPBF (105 -106 K/s when using
HMnS [28]). The occurrence of delta-bcc in the last deposited (top)
layer, which did not experience cyclic reheating, supports this theory
Fig. 10. (a) Deformation behavior and local axial strain distribution by DIC of Al-0, Al-1, and Al-5 lattice structures at different nominal strains (0-30 %). Regions
characterized by collective failure and/or folding of lattice struts are highlighted in red color. (b) EBSD analysis of the phase distribution and deformation me-
chanisms of lattice structure nodes (plastic hinges) at 0 % and 30 % nominal strain. The analyzed area is highlighted in the illustrated CAD model.
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(Fig. 6b). The co-solidification of fcc and bcc grains, with secondary fcc
nucleating at primary bcc grains, requests specific crystallographic re-
lationships between the phases due to the formation of low-energy in-
terfaces with high coherency. The Kurdjumov and Sachs and Nishiyama
and Wasserman ORs are the most frequently reported ORs for fcc-bcc
steels [53], which can form during solidification or solid-state phase
transformation during cooling or reheating. In this study, all in-
vestigated bcc grains exhibited at least one bcc-fcc phase boundary with
a K–S OR (Fig. 6b–c). It is therefore assumed that the K–S OR was
mainly formed during nucleation and growth of fcc grains at delta-bcc
solidification cells/dendrites during solidification, and by solid-state
bcc-to-fcc transformation during cooling.
However, the duplex microstructures did contain not only very fine
bcc grains but also a few coarser melt pool-shaped bcc areas (Fig. 6).
The origin of these structures lies in growth rate variations caused by
thermal fluctuations in the melt pool during solidification, a phenom-
enon known as banding [54]. Thermal fluctuations are caused by dy-
namic fluid flow in the melt pool [55], which results in solute enriched
and depleted bands (compare EDS map in Fig. 6a). Volumes in the melt
pool that are exposed to higher solidification velocities are subjected to
increased rejection of solutes, e.g., Mn and C, in front of the liquid-solid
interface. Hence, stabilization of the competing phase, e.g., fcc, is
postponed, and larger bcc grains are formed.
5.2. Correlation between as-built microstructure and mechanical properties
The variation in chemical composition and related differences of the
as-built microstructures of the investigated Al-alloyed HMnS had a
strong influence on the mechanical properties. The impact of Al on the
yield strength was partially provoked by a solid solution strengthening
effect. According to Jung et al. [56], the solid solution strengthening
effect of Al in HMnS (about 20 MPa/wt. %) is primarily based on lattice
distortion and secondarily on a modulus misfit. This approximation was
applicable for the Al-2, Al-3, and Al-4 conditions. However, the increase
in yield strength from Al-0 to Al-1 and from Al-4 to Al-5 was sig-
nificantly higher.
On the one hand, the formation of a thermal ε-martensite in Al-0
resulted in a relaxation of residual stresses in the surrounding fcc matrix
and reduced the yield strength [25]. On the other hand, the decreased
grain size and increased bcc volume fraction in Al-5 compared to Al-4
Fig. 11. (a) Quasi-static compression force-engineering strain curves of the investigated HMnS and benchmark (AISI 316 L and Ti6Al4V) lattice structures. (b)
Corresponding weight-specific energy absorption until a nominal compression strain of 40 % (SEA).
Fig. 12. Schematic illustration of A-mode and FA-mode solidification at the liquid-solid interface during LPBF. The insets reveal solidification mode, solid-state phase
transformation, phase distribution, crystallographic < 100 > grain direction, and grain structure.
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also promoted an increase in yield strength. Since delta-bcc is char-
acterized by a higher yield strength than the fcc phase [31,32], delta-
bcc contributed significantly to the high yield strength.
In addition, substantial variations in work-hardening behavior were
observed, that are in line with existing literature on HMnS. [57–59] As
predicted by the thermodynamics-based mechanism map (Fig. 1 a), Al-0
and Al-1 were characterized by a combination of TRIP and TWIP effect
due to their low-SFE values (below 20 mJ/m2). The TRIP-dominated
deformation in Al-0 resulted in the highest work-hardening rate,
whereas that of Al-1 was strongly decreased due to a reduced con-
tribution to the TRIP effect. With increasing Al content and hence in-
creasing SFE, the TRIP effect was suppressed, and the TWIP effects
prevailed in addition to dislocation glide in the fully fcc (Al-2, Al-3) and
the duplex (Al-4, Al-5) steels. The increase in SFE resulted in a de-
creasing contribution of deformation twinning to the accommodation of
plastic flow, and thus, the work-hardening rate decreased (Fig. 8).
Additional deformation mechanisms, such as microband-induced plas-
ticity (MBIP) [60] or slip band refinement-induced plasticity (SRIP)
[61], were not observed in the fcc matrix due to the comparatively low
SFEs (below 50 mJ/m2). Consequently, the low work-hardening rates of
the conditions with the highest Al contents and duplex microstructure
were caused by reduced deformation twinning of the fcc matrix and the
low work-hardening capacity of the bcc grains [62,63].
The macroscopic compression behavior of the HMnS lattice struc-
tures confirmed the deformation model of cellular structures by Gibson
et al. [64] since the strain was localized at plastic hinges that are de-
fined as areas with localized deformation at lattice structure nodes and
z-struts (Fig. 10 b). This strain localization led to a pronounced TRIP
(Al-0), a combination of TRIP/TWIP (Al-1) and TWIP (Al-5) effect at
these plastic hinges. The occurring deformation mechanism in Al-0 and
Al-5 were comparable to those of the bulk samples. However, a more
pronounced TRIP effect was observed in the z-struts of Al-1. In contrast
to the uniaxial stress state during tensile testing, lattice structure struts
are exposed to a complex multiaxial stress state. This higher stress
triaxiality strongly influenced the deformation behavior in the z-struts
of the Al-1 condition, as it has been reported for conventionally pro-
duced HMnS [65] and other metals [66,67]. The high amount of brittle
ε-martensite formed in Al-0 and Al-1 lattice structures (Fig. 10 b)
caused premature cracking of these regions and further promoted col-
lective failure of struts (Fig. 10 a). As a consequence, a discontinuous
increase in the force-strain curves was observed (Fig. 11 a). In contrast,
the suppression of the TRIP effect in combination with moderate de-
formation twinning and high initial yield strength allowed for con-
tinuous plastic deformation of the Al-5 lattice structure without pre-
mature failure, resulting in significantly improved energy absorption
capacity as compared to Al-0, Al-1 and the benchmark materials
(Fig. 11 b).
Based on the mechanical properties, the HMnS in this study may be
considered for complex parts with energy absorption functionality and
could be further optimized considering design for AM (DfAM) techni-
ques, e.g. topology optimization. However, topology optimization tools
currently used for DfAM are still facing severe challenges. For instance,
the anisotropy of mechanical properties is rarely implemented into
DfAM [68,69]. More isotropic mechanical properties, as observed in the
Al-5 condition with fine-grained microstructure and weak crystal-
lographic texture, can be beneficial for the design of topologically op-
timized and lattice structure-containing components.
6. Conclusions
Novel single-phase and duplex advanced high strength steels
showing transformation- and/or twinning-induced plasticity effects
were designed based on their solidification behavior and stacking fault
energies. The combination of computational alloy selection and flexible
production using powder blends in LPBF enabled rapid alloy develop-
ment. The addition of Al to X30Mn21 steel was found to strongly in-
fluence the microstructure and texture evolution during solidification
as well as the work-hardening behavior during plastic deformation. The
following conclusions can be drawn:
Al, as a bcc-stabilizing element, can be used efficiently to manip-
ulate the solidification behavior of fcc steels during LPBF. With in-
creasing Al content, a transition from fully fcc (A-mode) to bcc-fcc (FA-
mode) solidification at 4 wt. % Al allows for strong grain refinement
and texture randomization.
The identified mechanism of FA-mode solidification, in combination
with solid-state bcc-to-fcc transformation, inhibits epitaxial growth and
promotes nucleation processes, resulting in less polarized, i.e., more
isotropic microstructures and mechanical properties.
The influence of Al on solidification behavior, phase constitution,
and SFE enables tailoring the mechanical properties of bulk and lattice-
structure specimens in a wide range. The TRIP-dominated alloy (Al-0)
revealed the strongest work-hardening, whereas the TWIP-dominated,
fully fcc alloys (Al-1, Al-2, Al-3) showed the highest plasticity. Further
addition of Al (Al-4, Al-5) promoted a strong increase in yield strength
and reduced work hardening resulting from grain refinement and re-
duced deformation twinning.
The microstructures and mechanical properties of bulk specimens
were transferred to specimens with filigree lattice structures. The strong
grain refinement and suppression of the TRIP effect in the duplex bcc-
fcc HMnS (Al-4, Al-5) were key factors for an increased energy ab-
sorption capacity and ductile deformation behavior.
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Fig. A1. Micrographs used for optical density measurements on polished surfaces.
Table A1
Quantitative EBSD grain and phase analysis of LPBF produced HMnS with varying Al content in the as-built condition.
Al-0 Al-1 Al-2 Al-3 Al-4 Al-5
phase content bcc (%) 0 0 0.12 0.17 1.57 5.45
phase content ε-martensite (%) 3.0 0 0 0 0 0
grain size fcc + bcc+ε-martensite (μm) 3.64 ± 9.03 – 13.55 ± 21.01 11.49 ± 18.44 3.21 ± 4.36 2.24 ± 2.68
grain size fcc (μm) 11.82 ± 16.47 12.22 ± 16.10 17.43 ± 22.86 14.27 ± 20.05 3.42 ± 4.57 2.50 ± 3.00
grain size bcc (μm) – – 1.53 ± 0.73 1.69 ± 0.82 1.63 ± 1.08 1.38 ± 0.87
grain size ε-martensite (μm) 1.27 ± 1.38 – – – – –
aspect ratio fcc + bcc+ε-martensite (-) 3.82 ± 2.78 – 2.89 ± 2.25 2.54 ± 1.87 2.17 ± 1.03 1.94 ± 0.77
aspect ratio fcc (-) 2.56 ± 1.48 2.79 ± 1.42 3.17 ± 2.47 2.74 ± 2.04 2.23 ± 1.06 1.98 ± 0.80
aspect ratio bcc (-) – – 1.95 ± 0.54 1.84 ± 0.76 1.69 ± 0.47 1.78 ± 0.62
aspect ratio ε-martensite (-) 4.42 ± 3.04 – – – – –
texture index (-) 6.51 10.13 11.87 9.57 7.63 1.84
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